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This work concerns a study of the mechanisms responsible for intergranular cracking during high
temperature stress relaxation in AISI 316L-type austenitic stainless steels. This phenomenon, also known
as reheat cracking, is typically present in heat affected zones of massive welded parts used in the energy
industry. Here, five steel grades with different C, N and P contents were considered to assess the effects of
chemical composition on the three main mechanisms potentially responsible for reheat cracking, namely
intergranular M23C6 carbide precipitation, stress relaxation phenomena, and intergranular P segregation.
After testing the five AISI 316L-type grades under reheat cracking conditions by a pre-compressed CT-like
specimen technique, different degrees of intergranular damage were observed in the specimens by
optical microscopy and synchrotron X-ray tomography. Detailed grain boundary analyses by SEM and
TEM in the five different steel grades showed the main mechanism responsible for reheat cracking to be
the nucleation of microcavities at intergranular M23C6 carbides in high residual stress regions. The
addition of P was found to increase the number of cavitated GBs but not to be the dominant mechanism
responsible for intergranular damage. A comparison between elasto-plastic finite element predictions of
the residual stresses in the CT-specimens and the results of microstructural investigations revealed no
intergranular damage in regions where the initial maximum principal stresses in the specimens were
below 740 ± 30 MPa.

© 2015 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Reheat cracking (RC), also known as stress relaxation or stress
relief cracking, is an intergranular damage phenomenon found in
heat affected zones (HAZ) of thick welded parts (e.g. steam header/
nozzle in Advanced Gas Cooled Reactors [1]). Some of the materials
which exhibit such mode of failure are austenitic stainless steels
reheated at high temperatures (773e973 K) during either post-
eweld heat treatment or service. Such intergranular damage is
known to be driven by the high temperature relaxation of residual
stress fields initially introduced during the welding process due to
thermal strain incompatibilities. These incompatibilities depend on
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the weld configuration and on the component thickness, as in-
dustrial RC cases are typically known to occur near attachment
welds where the cross-sectional thickness is above 30e40 mm. The
main objective of this work is to investigate the effects of C, N and P
contents on RC damage development in AISI 316L-type austenitic
stainless steels. In the mid-fifties, the first industrial cases of RC
were described and studied on stabilised austenitic stainless steels1

[2e5]. Massive welded pipes of 347 and 321 steel grades (Nb and
Ti-stabilised austenitic stainless steels, respectively) were found to
be prone to RC during high temperature service. 304-type and 316-
type non-stabilised austenitic stainless steels, which do not exhibit
intragranular precipitation of Ti or Nb-carbides, were found to be
less sensitive to RC [6], but not immune to, as this phenomenonwas
observed in 304H [7,8] and 316H [1,9]. More recently, 316L and
1 Thereafter, the AISI numbering system is implicitly assumed when designating
300 series steels.
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Table 1
Chemical compositions of the AISI 316L-type steels (wt.%).

IA IB IC HP LP

C 0.033 0.028 0.011 0.014 0.014
N 0.025 0.077 0.068 0.081 0.066
P 0.022 0.023 0.028 0.052 0.001

Cr ) 16.4e17.4 /

Ni ) 11.0e13.6 /

Mo ) 2.0e2.6 /

Mn ) 0.8e2.1 /

S ) 0.001e0.022 /

B ) 0.001e0.002 /

Fe ) bal. /
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316L(N) steels [10,11] were found to be sensitive to intergranular
cracking under reheat cracking conditions. However, as far as the
authors are aware, no evidence of in-service RC has been reported
in 316L-type steels.

The main mechanical condition for RC to occur was found to be
the presence of high tensile residual stress fields in the material
before thermal exposure at high temperatures. During the welding
process of massive parts, thermal strain incompatibilities induce
the formation of predeformed zones and the development of re-
sidual stress fields near the weld. The level of residual stresses
required to develop RC in annealed austenitic stainless steels was
found to be only attainable by strain hardening [11,12]. Besides,
high stress triaxialities were also found to increase RC damage [13].
Those observations are consistent with the lower creep ductility
observed in austenitic stainless steels on predeformed states
[10,14e16] and subjected to high stress triaxialities [13,17].

Several mechanisms were suggested to explain the RC suscep-
tibility of predeformed austenitic stainless steels. In 347 and 321
steels, it was first attributed to strain-induced precipitation hard-
ening due to Nb(C,N) and Ti(C,N) carbides [5,18e20]. However,
Chabaud-Reytier et al. [12] suggested that intragranular Ti(C,N)
carbide precipitation was not the predominant mechanism
responsible for RC in 321 steel. Instead, they attributed this mode of
failure to solute solid solution atoms (C and N) which impede the
mobility of dislocations and thus reduce the residual stress relaxa-
tion rate. Those solid solution atoms can explain the susceptibility of
non-stabilised austenitic stainless steels to RC, and also suggest that
the grades with high solute atom contents would be more sensitive
than lowcontent ones. This understandingwasnot confirmedby the
observations of Auzoux et al. [11] on 316H, 316L(N) and 316L steels
exposed to RC conditions. They found that the global content of
solute atoms cannot explain the various sensitivities of 316-type
grades to RC since the tested 316L (low C and lowN)was found to be
themost prone toRC. Thus, the respective effects of C andNcontents
in solid solution are still unclear.

Another mechanism known to be responsible for intergranular
damage in austenitic stainless steel is intergranular carbide pre-
cipitation. During service at temperatures close to 823 K, grain
boundary (GB) strength can be impaired by the precipitation of
intergranular carbides (mostly, Fe(Cr,Mo)-rich M23C6) which is
accelerated by prior room-temperature (RT) deformation [21].
More recently, Hong et al. [22] and Jones et al. [23] investigated the
relationship between GB characteristics and the formation of
intergranular M23C6 carbides in austenitic stainless steels. They
concluded that the presence of M23C6 depends on GB type: highly
random misoriented GBs exhibit more carbide precipitation than
S3 boundaries. Besides, the shape of intergranular carbides is
linked to GB characteristics: as misorientation between adjacent
grains increases, the carbide morphology tends to change from
plate-like to acute triangular shapes. The latter M23C6 carbide
morphology can explain the more pronounced cavitation observed
on random highly misoriented GBs during creep at high tempera-
ture [22,24,25].

A third mechanism which can potentially affect the cohesive
strength of GBs, and hence RC, is the intergranular segregation of
impurities such as S and P [26]. In comparisonwith P, intergranular S
segregation is less important in austenitic stainless steels [27] due to
the formation of non-metallic MnS inclusions during hot-rolling.
Sulphur is thus unlikely to affect creep cavitation in 316L-type
austenitic stainless steels. Similarly to intergranular carbide precipi-
tation, GB misorientations can also affect intergranular segregation
levels. For instance, it was observed that S3 GBs present less P
segregation than other types in Fe-Cr-Ni [28] and FeeMneC steels
[29].

The mechanisms of intergranular M23C6 carbide precipitation
and P segregation can affect each other. Kegg et al. [30] showed that
P segregation accelerates both the nucleation and growth rate of
M23C6 carbides. Their propensity to reduce GB strength was re-
ported by Chen et al. [31]. At 77 K, the intergranular fracture surface
of 316H austenitic stainless steel was found to be an increasing
function of intergranular M23C6 carbide coverage and intergranular
P content. Even if a correlation exists, the relative effects of M23C6
carbide precipitation and P segregation on GB strength is still
unclear.

The above literature review shows that RC occurs during the
relaxation at high temperatures of the high tensile residual stresses
initially introduced during plastic deformation of the material.
However, the dominant micromechanisms responsible for grain
boundary weakening at high temperatures are still not fully un-
derstood. This includes the role of M23C6 carbide precipitation, the
effects of C and especially N contents on stress relaxation kinetics,
as well as the effect of intergranular P segregation.

Several published works have dealt with the development of
experimental methods to reproduce stress relaxation cracking at
the laboratory scale [32e36]. The procedure developed by Turski
et al. [37], which consists of introducing a triaxial tensile residual
stress field at the notch root of a CT-like specimen by pre-
compression at RT, enables the magnitude of the maximum resid-
ual stress in the notch root region to be controlled. This approach
also makes it possible for stress relaxation cracking of homoge-
neous microstructures to be studied under known residual stress
fields. The method to be used in this work is based on this pre-
compressed CT technique.

The paper is structured as follows. First, three industrial steel
grades (various C and N contents, similar P contents) and two
laboratory-made grades (similar C and N contents, one with high P,
another with very low P) are described. Then, the RC experimental
procedure of pre-compressed CT-like specimen is explained. Af-
terwards, the mechanical response of the materials at room and
high temperatures is investigated, characterised and modelled to
predict the residual stress and strain fields in the CT specimens. The
results of RC experiments, conducted on the five 316L-type grades,
are next presented. In this part, the resulting intergranular damage
is quantitatively studied using optical and scanning electron mi-
croscopy (OM and SEM), electron back scatter diffraction (EBSD),
transmission electron microscopy (TEM) and local X-ray synchro-
tron tomography techniques. Finally, the effects of temperature, C,
N and P on RC damage development are discussed. The resulting
conclusions are then used to explain the different resistances of the
five 316L-type steel to RC.
2. Materials and experimental procedures

2.1. Materials

The chemical compositions of the five 316L-type austenitic



Fig. 1. Microstructure of the IB steel grade observed by EBSD: (a) annealed state shown in an inverse pole figure (IPF) and (b) cold-rolled state, in a close-up view, shown by a
superposition of the IPF and image quality maps.
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stainless steels are given in Table 1. Here, IA, IB and IC are desig-
nations of industrial grades that were received in annealed states
(respectively at 1373, 1323 and 1373 K, for 30, 30 and 90 min before
being water quenched), in the form of 14, 40 and 33 mm-thick
sheets. Laboratory-made high P (HP) and low P (LP) steels were
specially cast for this study by Ugitech and hot-rolled at 1385 ± 15 K
into 30 mm-thick sheets by OCAS. Upon receipt, they were
annealed at 1373 K for 10 min andwater quenched to obtain a grain
size similar to that of industrial grades. The grain size of the five
steel grades was found to be 40 ± 6 mm. The five annealed micro-
structures were composed of equiaxed austenitic grains containing
annealing twins and showed no crystallographic texture. A
microstructure representative of the five steel grades in the
annealed state is shown in Fig. 1(a) (RD and TD stand for, respec-
tively, (hot-)rolling and transverse directions). MnS intragranular
inclusions, which are aligned and elongated along the RD, were
observed in all grades, especially in IAwhich has a higher S content.
Their chemical compositions were confirmed by energy-dispersive
X-ray spectroscopy (EDS).

The annealed plates were then cold-rolled in the same direction
as the original hot-rolling one to reduce their thickness by 20 ± 2%.
For the five grades, Vicker's hardness increased from 135e208 HV30
in the annealed state to 274e282 HV30 in the cold-rolled state. The
latter hardness values are higher than the maximum value of 230
HV30 measured by Auzoux [38] in the most highly deformed zone
of a multi-pass weld. Therefore, the use of this five cold-rolled
materials for the RC studies should enable the residual stress
fields to be introduced to be greater than the ones found in in-
dustrial parts. It should be noted that the microstructure of the five
cold-rolled materials is different than the one observed in indus-
trial RC-affected zones since deformation twins were observed (see
Fig. 1(b)). The absence of deformation twins in industrial RC-
affected zones is due to the higher temperature of deformation (~
923 K [38]) during welding. Furthermore, SEM observations of the
cold-rolled materials revealed no grain boundary damage (e.g.
microcavities), at least whithin the peak resolution of the SEM used
in this work2.
2 FEI Nova NanoSEM 450 S-FEG SEM.
2.2. Reheat cracking reproduction procedure

Reheat cracking was reproduced at a laboratory scale using CT-
like specimens cut by wire-EDM from the cold-rolled plates (see
geometries in Fig. 2(a)). Two CT specimen thicknesses (e ¼ 10 and
20 mm) were used depending on the available plate thickness. To
study the effect of mechanical conditions on RC damage develop-
ment, three notch radii (r ¼ 0.5, 1 and 2 mm) were tested for the IB
grade steel. In Fig. 2, the notch plane (XZ) is normal to the RD (Y-
direction) to maximise the residual stresses to be introduced in the
specimens. The specimen thickness and notch radius values are
given in Table 2. In this work, the residual stress fields in the CT-like
specimens were introduced by mechanical loading rather than by
the thermal strain incompatibilities associated with the welding of
actual thick industrial components. Here, the replication of typical
component thicknesses was not assumed to be necessary to obtain
the required level of residual stresses since high residual stress
levels are obtained by mechanical loading. Furthermore, the CT
specimen thicknesses (10e20 mm) remain large in comparison to
early reheat crack sizes (i.e. of the order of the grain size [37]).

The RC reproduction procedure consists of two steps:

(i) Residual stress introduction

Residual stresses were introduced in CT-like specimens by RT
compression along the Y-direction (RD, see Fig. 2(a)) using
geometrically-adapted cylindrical-headed fixtures and a 100 kN
servo-hydraulic testing machine. Compressing forces of 25 and
50 kN were applied to the 10 and 20 mm-thick CT specimens,
respectively. Thus, a confined plastically deformed zone was
introduced in the notch root region. Upon unloading, the self-
equilibrating elastic strains in the specimen led to the formation
of a tensile residual stress field in the plastically deformed zone.

(ii) Residual stress relaxation at high temperature

Afterwards, the CT specimens were thermally exposed to con-
stant temperatures of either 823, 848 or 873 K in resistance fur-
naces for 500e4313 hrs (about 1e6 months). The specimens were
then removed from the furnace and air-cooled to RT. The testing
conditions of each CT specimen are given in Table 2.



Fig. 2. (a) CT-like specimen geometries in mm, e2{10,20} and r2{0.5,1,2} (see Table 2) and (b) in situ tensile specimen machined from the CT specimen mid-thickness for SEM and
synchrotron tomography studies.
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2.3. Microstructural characterisation techniques

After their thermal exposures, the CT specimens were cut
through their mid-thicknesses (XY plane) by wire-EDM. One of the
resulting mid-thickness surfaces was polished and analysed by
optical microscopy, SEM and EBSD. A FEI Nova NanoSEM 450 mi-
croscope (field emission gun) coupled with an EDAX TSL Hikari
camera running with OIM system was used for EBSD data acqui-
sition. The acceleration voltage was 20 kV, the working distance
was close to 14 mm and the step size was 100 nm following an
hexagonal grid. In order to reveal intergranular microcavities or
microcracks while minimising the risk of dislocating grain bound-
ary carbides, mechanical polishing with grinding papers (from 40
to 3 mm) and diamond pastes (from 3 to 1 mm) was performed,
followed by a light etching with a solution of colloidal silica during
5 min.

The remaining half specimen was used to machine tensile
specimens for either in situ synchrotron X-ray tomography or in situ
SEM observations. Their geometry and the area from which they
were machined are shown in Fig. 2(b). The tensile specimens from
IA and IC grades were monotonically deformed in situ in a SEM
chamber along the Y-direction by 10 ± 1% true strain. They were
then 3D scanned by synchrotron X-ray tomography at the European
Synchrotron Radiation Facility (ESRF, line ID15a). The scanned total
volume was 1550 � 1750 � 1000 mm3, and it was subsequently
reconstructed from 2000 projections. The acquisition of projected
images was performedwith a filteredwhite beam (centered around
a 60 keV X-ray energy). Tensile specimens from IB, HP and LP grades
were incrementally deformed in situ at the ESRF with a tensile
testing device specially designed for local tomography [39]. The
tensile specimens were incremently deformed from 0 to 20 ± 3%
true strain along the Y-direction while performing a 3D tomogra-
phy scan at each strain step. The deformation along the Y-direction
was carried out to open up any existing microcavities and micro-
cracks by plastic deformation. When the size of a defect exceeded
the tomography voxel size (i.e. for this experiment, 1.095 mm), the
defect could be detected.

To identify the chemical composition and structure of the
intergranular carbides present in the CT specimens after thermal
exposures, TEM observations were performed on a thin disc-
shaped section machined from the IB grade specimen tested at
848 K for 3621 h (e ¼ 20 mm, r ¼ 1 mm). The sample was cut by
wire-EDM out of the former tensile residual stress region so that
early stage of intergranular damage development (i.e. nanocavities)
could possibly be observed.
3. Mechanical analyses

3.1. Cold-rolled material responses

The mechanical responses of the five cold-rolled materials were
obtained by an up to 5% compressive true strain followed by a 10%
tensile deformation to describe the loading path experienced by the
region ahead of the notch of CT specimens when compressed and
then unloaded. Those tests where performed on axisymmetric
specimens with a round section of 8 mm diameter and machined
along the RD. A 100 kN servo-hydraulic machine was used and a
strain rate of 10�3 s�1 was applied during the tests. Fig. 3 shows that
the mechanical responses of the five cold-rolled materials at RT are
similar.
3.2. Prediction of CT specimen residual stress and strain fields

Finite element simulations were carried out using the com-
mercial Z-set software [40] to predict the residual stress and strain
fields in the CT specimens. The constitutive model used to describe
the mechanical behaviour of 316L-type steels, implemented into
the Z-set code as a user-defined material subroutine, relies on in-
ternal variables associated with evolving microstructural length
scales (i.e.mean dislocation and twin spacings) and a tensorial back
stress. The main functional form of the viscoplastic constitutive
model's flow and evolutionary relations are presented next. For the
full formulation, refer to reference [41].

The finite strain hypo-elastic formulation is expressed in terms
of the Jaumann rate of the Kirchhoff stress tensor as:



Table 2
CT specimen thermal exposure conditions and corresponding intergranular damage
observed.

Fig. 3. Stress/strain responses at RT of the five cold-rolled materials (MODEL describes
the predicted behaviour to be discussed later in the text).
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T
V

¼ L : ðD� DpÞ (1)

where, D and Dp, are the total deformation rate and the viscoplastic
deformation rate tensors, respectively, and L is the fourth order
isotropic elasticity tensor.

The equivalent viscoplastic strain rate, eε_p, can be written in its
functional form in terms of the Kirchhoff stress tensor, T, the ab-
solute temperature, q, and three microstructure-related internal
variables: a mean dislocation density, r, the volume fraction of
twins, f, and a tensorial internal stress or back stress tensor, B. Then,

eε_p ¼ bε_pfT; q; r; f ;Bg (2)

The above equation defines the magnitude of the inelastic flow,
which combined with its direction, completes the relation for the
inelastic deformation rate tensor,

Dp ¼ 3
2
eε_pðT0 � BÞese (3)

where, T', is the deviatoric component of the Kirchhoff stress tensor
and, ese ¼ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

3
2 ðT0 � BÞ : ðT0 � BÞ

q
, the equivalent effective stress.

Furthermore, the equivalent viscoplastic strain rate, eε_p, is
assumed to be composed of a contribution due to the slip arising
from dislocation motion in the untwinned material, eε_pg , and due to
mechanical twinning. Here,

eε_p ¼ ð1� f Þeε_pg þ gpffiffiffi
3

p
M

_f (4)

where, gp, is the shear deformation induced by the slip of a partial
dislocation, and, M, the Taylor factor which accounts for the poly-
crystalline nature of the microstructure. The viscoplastic strain rate
component due to slip, eε_pg , accounts for the thermally activated
motion of dislocations through the following expression,

eε_pg ¼ eε0_exp�� G0

Kq

�
1�

�ese � S
s0

�p�q�
(5)

where, S, is the athermal deformation resistance that can be func-
tionally expressed as,

S ¼ bS r; ff g (6)

K, is the Boltzmann constant, and eε0_, G0, s0, p and q, are material
parameters. Finally, the evolutionary equations of the model in-
ternal variables can similarly be written functionally as,

_r ¼ br_neε_pg ; q; r; fo (7)

_f ¼ bf _neε_pg ; q; fo (8)

_B ¼ bB_fDp; q; r; f g (9)

The constitutive model was fully calibrated for the 293e873 K
temperature range only for one of the five steel grades studied in
this work, namely the IA grade steel (see details in Ref. [41]). Due to
the fact that the uniaxial stress-strain behaviour of the five steels at
room temperature was found to be similar (e.g. see Fig. 3), the
constitutive model calibrated for the IA steel was also used to
describe the behaviour of all the other four steels at room tem-
perature. Note that a comparison of the measured and predicted
temperature-dependent stress relaxation behaviour of the IA grade



Fig. 4. Measured and predicted force/displacement responses of the CT specimens
during loading at RT.

Fig. 5. Predicted residual stresses, sYY, and equivalent accumulated plastic strain, eεp, at
the notch root and mid-thickness in the four different CT specimen geometries upon
unloading at RT.

Fig. 6. Microhardness map in the notch root region of IB grade CT specimen after
compression.
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steel is given in Refs. [41], and that of the other four steel grades in
Ref. [42].

All the measured CT specimen force/displacement responses are
presented in Fig. 4. Here, the compressive force and the CT relative
mouth opening displacement are given in absolute values. The
resulting strain and stress fields upon unloading at the notch root
region of CT specimens along the X-direction are shown in Fig. 5.
The 10 and 20 mm-thick specimens with a 1 mm notch radius have
similar sYY residual stress distributions up to about 800 mm from
the notch root. The predicted sYY residual stresses in all CT geom-
etries show a maximum ahead of the notch root at about 300 mm
from its surface. For the 20 mm-thick specimens, it was found that
the smaller the notch radius, the higher the residual stresses and
the smaller the tensile region along the X-direction. Thus, for the
0.5, 1 and 2 mm notch radii, the maximum residual stresses at RT
were found to be 1100, 940 and 780 MPa, respectively.
3.3. Quantitative indication of the existence of residual stresses

After the compression of the IB grade CT specimen (e ¼ 20 mm,
r ¼ 1 mm) at RT, microhardness measurements were performed in
its notch root region. Fig. 6 shows the 100 g Vicker's microhardness
map obtained by extrapolating the experimentally measured
values using the natural neighbour method. The tensile residual
stress field presence at the CT specimen surface is revealed by a
decrease in microhardness values in the notch root region. This
result may seem surprising since this zone experienced a higher
plastic deformation than the base material and thus should have
strain hardened more. However, it was shown experimentally
[43,44] and numerically [45,46] that tensile residual stresses can
decrease the apparent material hardness. Some authors [1,38]
measured (after thermal exposure) a hardness increase in RC-
affected regions.

3.4. Stress relaxation kinetics

Stress relaxation tests were performed on IB, IC and IA grade
axisymetric specimens at 823 and 873 K. These specimens had a
round section of 3 mm diameter and weremachined from the cold-
rolled plates along the RD. The tests were conducted as follows.
When the temperature attained a stable level (±0.5 K), the speci-
mens were loaded at a strain rate of 10�3 s�1 up to 5% true strain,
which corresponds approximately to the value predicted by FE in
the notch root region of the CT specimens (see Fig. 5). Then, the
strain was kept constant for at least 350 hrs. The experimental
results are shown in Fig. 7(a). The measured stress relaxation re-
sults were used to identify the true viscoplastic strain rate of the IB,
IC and IA steel grades at 823 and 873 K, as a function of the true
stress (see Fig. 7(b) and (c)). In these figures, the experimental data
were linearly fitted in order to identify the slopes of the logs vs
log _εp curves, and hence, the inverse strain rate sensitivity of the
different steels. It should be noted that the prediction of the CT
specimen force-displacement responses and residual stresses in
the notch root regions relied on the FE calculations carried out with
the internal variable-based constitutive model previously outlined
and reported in Ref. [41]. For all grades, the Young's modulus used
to calculate the viscoplastic strain rates was 153 GPa at 873 K and
157 GPa at 823 K [41]. In Fig. 7(b) and (c), the IA and IB grades stress
relaxation rates exhibit a change in the slope of the logs vs log _εp

curves at approximately ~ 10�8 s�1 while that of the IC grade re-
mains constant. At low stresses, the slopes seem to be unaffected by
temperature in all cases. The results of those tests show that the
stresses relax faster in the IA than in IB and IC grades, which is
consistent with their higher nitrogen contents [47]. Stress relaxa-
tion tests were not performed on the HP and LP grades, but their



Fig. 7. Experimental stress relaxation behaviour of the IB, IA and IC grade steels at 823 and 873 K: (a) true stress vs time, and the corresponding (b) (c) true viscoplastic strain rate vs
true stress at, respectively, 873 and 823 K.
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high temperature behaviour is expected to be similar to those of the
IC and IB grades due to their close nitrogen and carbon contents.

4. Intergranular damage

4.1. Mid-thickness damage analyses

This section presents the intergranular damage analyses per-
formed on the mid-thickness surfaces of the tested CT specimens.
The optical micrograph presented in Fig. 8(a) shows a typical mid-
thickness surface of a damaged CT specimen (IB grade specimen
with e ¼ 20 mm and r ¼ 1 mm, tested at 848 K for 3621 hrs).
Damaged GBs, approximately oriented normally to the loading di-
rection (Y) can be observed. Close-up SEM observations of micro-
cracks show that they result from the coalescence of microcavities
(see Fig. 8(b)). The intergranular nature of damage was confirmed
Fig. 8. (a) Mid-thickness optical micrograph of the IB grade CT specimen tested at 848 K for
(c) IPF EBSD map of the microcavities shown in (b) (IPF colour-coded figure is shown in th
by EBSD analyses (see Fig. 8(c)). For the same testing conditions,
higher amount of RC damage was observed in the 0.5 mm-notched
IB specimen (see Fig. 9). Here, the higher initial residual stresses led
to the development of a macroscopic intergranular crack oriented
along the X-direction (~ 750 mm long). At both sides of this inter-
granular macrocrack, disconnected intergranular microcavities and
microcracks were observed. Those observations highlight the
discontinuous nature of RC damage which begins by the nucleation
of intergranular microcavities, which then coalesce into micro-
cracks and can potentially merge to form a macrocrack.

Table 2 summarises the CT specimen testing conditions. Each
specimen is represented by its steel grade name with information
about its thickness and notch radius. In this work, we consider that
a CT specimen is damaged if a microcavity is observed optically on
the mid-thickness surface of the CT specimen. All the specimens
indicated in boldface red were found to have developed
3621 hrs (e ¼ 20 mm, r ¼ 1 mm), (b) intergranular microcavities observed by SEM and
e inset).



Fig. 9. Mid-thickness optical micrograph of the IB grade CT specimen tested
3621 hrs at 848 K (e ¼ 20 mm, r ¼ 0.5 mm) showing a macroscopic intergranular crack.
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intergranular damage.
Amongst the forty-five tested CT specimens, intergranular

microcavities or microcracks were observed in only sixteen of
them. Intergranular damage was mostly identified in IB grade
specimens and, to a lesser extent, in IA grade ones. The IC, HP and LP
grade specimens did not develop any intergranular damage after
five month exposure at either 823, 848 or 873 K. Since no damaged
was observed in the HP and LP grade specimens, it was concluded
that the level of P has no effect under tested conditions. In order to
test the HP and LP grades under more detrimental conditions, two
coupons cut from the HP and LP cold-rolled plates were pre-aged at
823 K for 1225 hrs before machining two new CT specimens of
each. After the residual stress introduction, they were exposed at
823 and 873 K for 1455 hrs (see Table 2). In those specimens, initial
GB strength was expected to be lower at the beginning of thermal
exposure and thus a greater amount of intergranular damage was
expected to develop subsequently. This pre-ageing actually enabled
Fig. 10. Superposition of EBSD IPF and IQ maps of regions exhibiting microcavities in the HP
823 K for 1455 hrs.
the development of RC microcavities in the HP grade specimens,
while LP grade specimens remained undamaged. Finally, a ranking
of RC grade resistances can then be made from the microstructural
observations (from the least to the most resistant grade): IB, IA, HP
and indistinctly, IC and LP.

4.2. Grain boundary analyses

Fig.10 shows themicrocavities observed by EBSD (superposition
of IPF and IQ maps with a step size of 100 nm) at 150e700 mm from
the notch root in the HP grade specimen pre-aged and tested at
823 K. The microcavity sizes are about 1 ± 0.5 mm and no correla-
tion between the intersections of GBs and deformation twins with
their nucleation sites is observed. Here, the deformation twins,
which were not reported in RC-affected zones of industrial welded
parts [38], do not seem to alter the microcavity nucleation
mechanism.

SEM observations of IB and IA grade specimens revealed that
microcavities and microcracks contained intergranular particles (<
200 nm in diameter) on their inner surfaces after testing at either
823, 848 or 873 K. From TEM observations, such particles were
identified as M23C6 carbides, where, M, stands for a combination of
Cr, Fe, Mo and Ni atoms (composition (Cr16 Fe4 Mo2Ni)C6 as
determined by EDS). The crystallographic structure was identified
as FCC with a lattice parameter of 10.7 Å. TEM observations through
a thin section taken fromwithin the maximum residual stress zone
(from IB grade, e ¼ 20 mm, r ¼ 1 mm CT specimen, tested at 848 K
for 3621 hrs) revealed that M23C6 carbides serve as nucleation sites
for nanocavities (see Fig. 11). In this figure, the observed nanocavity
mean diameter is approximately 50 nm.

Since poor grayscale chemical contrast exists between M23C6
carbides and the matrix, their observation by SEM is difficult on
polished surfaces. However, the opening of microcracks by plastic
grade specimen (e ¼ 20 mm, r ¼ 1 mm) pre-aged at 823 K for 1225 hrs and tested at



Fig. 11. Intergranular M23C6 carbides and nanocavities observed by TEM.

Fig. 12. SEM image showing the partial decohesion between intergranular M23C6

carbides and their adjacent grains on the surface of a tensile specimen deformed in situ
up to 11% true plastic strain (IA grade specimen, e ¼ 20 mm, r ¼ 1 mm, tested at 823 K
for 4313 hrs).

Fig. 13. Comparison between the global distributions of GB misorientations measured
by EBSD in the five austenitic stainless steels (~ 61 mm of GB measured on 1 mm2 for
each grade) and those of 35 damaged GBs identified in the IB, IA and HP steels.

Fig. 14. 3D synchrotron tomography data rendering in the notch root region of the
former IB grade CT specimen (e ¼ 20 mm, r ¼ 1 mm) tested at 823 K for 2946 hrs and
subsequently deformed in situ up to 19% true plastic strain.
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deformation in the in situ SEM tests enabled the M23C6 carbides to
be observed since they protruded out of the microcrack inner
surfaces. An example of a microcrack opened during the in situ SEM
test is given in Fig. 12. This micrograph shows that RC damage re-
sults from a decohesion between coarse M23C6 carbides and their
adjacent grains. From the experimental observations, it was
concluded that the damage observed in the in situ SEM studies
could only have evolved from grain boundary crack-like defects
identified after the stress relaxation tests, e.g. see Fig. 8(a). This is
supported by the fact that, after the in situ tomography test, no
damage was seen outside the regions exposed to high levels of
tensile residual stresses. In addition, all RC damage was found to
consist of the same rather flat intergranular crack-like defects, and
no evidence of ductile damage was found at coarse particle sites
(e.g. MnS inclusions), which would have resulted in more spherical
shaped cavities.

The GB misorientation distributions of the five AISI 316L-type
austenitic stainless steels were measured and compared with the
misorientation distributions of 35 damaged GBs. The results are
given in Fig. 13. The GB misorientation distributions of the five steel
grades are similar and ~ 50% are recrystalisation twin boundaries
(S3 twin, 60+/<111> in FCC material). The damaged GB mis-
orientations reveal that the misorientations between 25 and 55+

are detrimental to GB strength whereas no S3 GB was found to be
damaged, even though they represent about 50% of the total.
4.3. Damage observations by synchrotron tomography

This section presents the results of intergranular damage visu-
alisation by X-ray synchrotron tomography in tensile specimen



Fig. 15. Comparison between the projection of intergranular damage identified by
synchrotron tomography (500 mm-thick scan) and the initial maximum principal re-
sidual stress directions (upon unloading at RT) in the notch root region of the IB grade
CT specimen (e ¼ 20 mm, r ¼ 1 mm) tested at 848 K for 3621 hrs.
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machined from the tested CT specimens and subsequently
deformed in situ. Fig. 14 shows a 1450� 1750� 100 mm3 slice of the
notch root region of the IB grade CT specimen tested at 823 K for
2946 hrs and deformed in situ by up to 19% true strain. This tech-
nique enables the observation of microcracks in 3D using grayscale
contrast. Note that damage appears darker than the bulk material.

A grayscale threshold level was used to create binary volumes
where the matrix material is transparent and the damage is col-
oured. Fig.15 shows the damage projection along the Z-direction, in
the notch root region of the IB grade CT specimen (e ¼ 20 mm,
r¼ 1mm) tested at 848 K for 3621 hrs and in situ deformed by up to
23% true strain along the Y-direction. Here, the thickness of the
projected slice is 500 mm. The additional homogeneous distribution
of small particles that also appear coloured were identified as MnS
inclusions. In this image, the black-dashed curves represent the
maximum principal residual stress directions before thermal
exposure predicted by the FE analysis. Good agreement is observed
between the microcracks normal directions and the maximum
principal residual stress directions. These results show that GB
sliding is unlikely to be important under RC conditions. Further-
more, the black curve shows the distribution of intergranular
damage along the X-direction. In order to quantify the intergran-
ular damage, the scanned volume was first divided into 50 mm
cubes (15 along the X-direction, 24 along the Y-direction and 10
along the Z-direction). In each cube, the microcracks were pro-
jected along the Y-direction on the bottom face (XZ). The damage
was defined by the ratio of the projected-microcrack surface to the
cube face area (50� 50 mm2). Finally, the damage distribution along
the X-direction was obtained by averaging the damage values
through the thickness (Z) and then averaging them along the Y-
direction. The resulting maximum damage region is in good
agreement with the predicted maximum initial residual stress
distribution (see Fig. 5).

The influence of the testing temperatures and initial residual
stress magnitudes in the IB grade CT specimens were studied by
synchrotron tomography. The results are given in Fig. 16, which
shows a comparison between the damage projections and the
predicted principal residual stresses obtained by FE. Here, Fig.16(a),
(b) and (c) correspond to 20 mm-thick CT specimens with notch
radii of 1 mm and tested at 873, 848 and 823 K, respectively, for
3621 hrs. The specimen tested at the intermediate temperature of
848 K (Fig. 16(b)) exhibits a higher degree of damage than the
others. This result was also confirmed when observing by SEM the
three IB grade CT specimens tested at the same temperatures for
1455 hrs. Here the most detrimental temperature for RC resistance
seems to be around 848 K for the IB grade steel. The Fig. 16(e) and
(f) maps correspond to 20 mm-thick CT specimens tested at 848 K
for 3621 hrs, with notch root radii of 2 and 0.5 mm, respectively.
The higher value of the principal residual stress in the 0.5 mm-
notched specimen resulted in a higher amount of intergranular
damage (same specimen as in Fig. 9), whereas the 2 mm-notched
specimen exhibits less damage than the 0.5 and 1 mm-notched
specimens (Fig. 16(f) and (b), respectively). In all maps, the initial
threshold level of principal residual stress that led to RC damage
development was estimated from the different threshold values
identified by the black-dashed lines in Fig. 16 at 740 ± 30 MPa.

5. Discussion

5.1. Effect of cold rolling

The initiation of RC damage is known to occur in high residual
stress regions at or near GBs which have been plastically deformed
(e.g. Ref. [38]). However, to achieve the initial residual stress level
needed to develop RC (about four times the material yield strength
at room temperature for the less RC-resistant grade steels tested in
this work), it is generally required that the material be strain
hardened prior to service. Evidence to that effect is the high
hardness levels measured in actual RC affected regions [1,38] and
the TEM observations of increased dislocation densities in the HAZ
of an AISI 316L(N) weld reported by Ref. [38]. It should also be noted
that all the materials in this study were pre-conditioned by cold
rolling whereas RC affected regions in the HAZ of actual compo-
nents undergo thermal loadings (e.g. during multipass welding)
that may involve several cycles leading to plastic deformations at
moderate-to-high temperatures. SEM observations of the cold-
rolled material were carried out and revealed that no GB damage
(i.e. microcavities) was present using the peak resolution of the
SEM. In addition, no damage was observed after the residual stress
relaxation tests in the IC and LP steels that posses similar me-
chanical properties as the other tested steels where RC damage was
found. Thus, it can be concluded that GB damage could not have
been introduced either as a result of the plastic deformation of the
CT specimen during the room temperature compression test. Even
though SEM-EBSD observations revealed that the material cold
rolling introduced mechanical twins in the microstructure, their
presence was not found to have affected the main intergranular
damage mechanisms responsible for RC in the austenitic stainless
steels (e.g. GB microcavity nucleation at intergranular carbides).
These observations support the understanding that the use of cold
rolled materials is suitable to study RC, at least from a mechanical
point of view since the chemical characteristics of actual HAZ GBs
may be affected by the thermal cycling of the HAZ regions during
welding. Concerning the latter, it is also worth noting that a typical
welding cycle in a 316L(N) steel has been reported to last typically



Fig. 16. Comparison between the projection of intergranular damage obtained by synchrotron tomography (500 mm-thick scans) and the initial principal residual stresses (upon
unloading at RT) in the notch root region of IB grade CT specimens with (a) (b) (c) e ¼ 20 and r ¼ 1 mm, tested at 873, 848 and 823 K, respectively, for 3621 hrs and with (d) e ¼ 10
and r ¼ 1 mm, tested at 848 K for 1455 hrs and with (e) (f) e ¼ 20 mm and notch radii of 2 and 0.5 mm, respectively, tested at 848 K for 3621 hrs.
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only a couple of seconds and the peak HAZ region temperature to
be approximatively 923 K [38].
5.2. Chemical composition and temperature effects

The results of the RC experiment performed on the CT-like



Fig. 17. Effect of (a) carbon, (b) nitrogen, (c) phosphorus and (d) temperature on RC damage development. Open symbols indicate undamaged specimens and filled ones damaged.
PA: pre-aged spec. at 823 K for 1225 hrs.
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specimens showed evidence of GB degradation by intergranular
carbide precipitation and, to a lesser extent, P segregation, when
tested in the 823e873 K temperature range. Furthermore, the
stress relaxation rateswere found to decreasewith high N contents,
thus the lowest relaxation rates being in the high N grade steels (IB
and IC). Reheat cracking damage development is next discussed
based on the results summarised in Fig. 17. Here, the data from
Table 2 are presented so as to compare the respective effect of C, N
and P contents on RC damage development. Fig. 17(a), (b) and (c)
shows the results of damage observation in specimens whose
chemical composition differ only in the C, N and P contents,
respectively. In each subfigure, the CT specimen geometry is iden-
tical. In Fig. 17(d), the effect of temperature on RC damage devel-
opment is based on the results obtained in the IB grade specimens.

5.2.1. Carbon effect
Fig. 17(a) shows the effect of C content in RC damage develop-

ment (for e ¼ 10 mm and r ¼ 1 mm CT specimens). In the same
conditions, the IB grade which has a high C content (0.028%) ex-
hibits intergranular damage while the IC one (0.011% C) does not.
The N and P content being similar, the lower resistance of IB grade
is attributed to its higher intergranular carbide precipitation which
decreases GB strength. At the microstructural scale, this observa-
tion is confirmed by the higher propensity to RC of the 25 to 55+

misoriented GBs (see Fig. 13), which are preferential surfaces for
M23C6 carbide precipitation. Likewise, the lower propensity of S3
GBs to RC is consistent with the fact that they are hardly affected by
M23C6 carbide precipitation. The detrimental effect of high C con-
tent has also been confirmed by TEM observations since they
revealed that M23C6 carbides are preferential sites for nanocavity
nucleation (see Fig. 11).

5.2.2. Phosphorus effect
Without pre-ageing, HP and LP grades did not develop inter-

granular damage (see Fig. 17(c)). However, higher P content was
found to increase microcavity nucleation as observed in the pre-
aged HP grade steel. The P segregation levels expected at GBs in
the HP grade steel was predicted using the Langmuir-McLean
model (see Appendix A). The diagram shown in Fig. 18 represents
the predicted P monolayer coverage as a function of temperature
and ageing time. For HP steel grade, P monolayer coverage in the
tested CT specimens was expected to be about 37e41% after ~



Fig. 18. Isolines of constant P monolayer coverage in a time/temperature diagram
predicted by the Langmuir-McLean model in an austenitic stainless steel with a P bulk
content of 0.052%.

Fig. 19. Schematic of the proposed competing mechanisms arising from residual stress
relaxation and GB degradation over time. The dashed line represents the loci of points
for the onset of RC damage at different temperatures (T1 > T2 > T3).

Table 3
Reheat cracking resistance ranking of the five AISI 316L-type steels and their C, N and
P contents (wt.%) (1 being the most resistant).

Ranking 5th 4th 3rd 1st or 2nd 1st or 2nd

Name IB IA HP LP IC
C 0.028 0.033 0.014 0.014 0.011
N 0.077 0.025 0.081 0.066 0.068
P 0.028 0.022 0.052 0.001 0.021
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3600 hrs at 823e873 K. However, in low alloy steels, a threshold
value in P monolayer coverage (~ 5e10%) below which no inter-
granular damage is observed was found [48,49]. Therefore, if we
consider this threshold value as that which would trigger inter-
granular damage development under RC conditions, the P mono-
layer coverage prediction of the HP grade should be inaccurate.

The P monolayer coverage model takes no account of the indi-
vidual effects of other solute elements present in AISI 316L-type
steel: in austenite, some authors reported PeC repulsion interac-
tion at GBs [50e53] or site-competing segregation mechanisms,
such as PeB [51,54] or PeN [27,55e57]. Latter work by Briant et al.
[57] showed that phosphorus segregation can clearly be inhibited
by the additions of N in 304L and 316L-type austenitic stainless
steels. In order to determine the predominant segregation inter-
action in our 316L-type IB and HP steels, measurements of the P, N
and B monolayer coverage by Auger electron spectroscopy were
attempted but gave no conclusive results due to the tendency of
austenitic stainless steel to undergo ductile fracture at low tem-
peratures. An understanding of the site-competing segregation
mechanisms involving P, C, N and B will be addressed in future
work.

5.2.3. Nitrogen effect
Fig.17(b) shows the N content effect on RC damage development

(for e ¼ 10 mm and r ¼ 1 mm CT specimens). In the same condi-
tions, the IB grade which has a high N content (0.077%) presents
more intergranular damage than the IA (0.025% N). Even though CT
specimens of both grades developed damage under the same
testing conditions, microstructural observation by SEM and syn-
chrotron tomography shows that the IB grade exhibits much more
intergranular damage than the IA. The C contents being similar, the
GBs should contain an equivalent number of sites (M23C6 carbides)
for nanocavity nucleation. However, the lower stress relaxation rate
(see Fig. 7) induced by the high N content in the IB steel grade
should enable high residual stresses at GBs to be maintained for a
longer time and thus increase the number of nanocavities. Ac-
cording to the discussion results of Section 5.2.2, high N content
could therefore have two contrasting effects on RC resistance: a
detrimental one due to low stress relaxation rate and a beneficial
one as it could impede intergranular P segregation by a site-
competing mechanism.

5.2.4. Temperature effect
Fig. 17(d) shows the effect of temperature in RC damage
development (for e¼ 20 mm and r¼ 1mm IB grade CT specimens).
At 823 K, no intergranular damage was observed before ~ 3600 hrs
but after ~ 660 h at 848 and 873 K. In addition, higher amount of
damage was observed in the IB grade CT specimen tested at the
intermediate temperature of 848K than those tested at either 823 or
873K for ~ 660 to ~ 3600hrs. To explain this detrimental effect of the
intermediate testing temperature on RC, it should be noted that the
intergranular damage mechanisms identified here (M23C6 carbide
precipitation, stress relaxation controlled by the amount of N in
solid solution and, to a lesser extent, P segregation) are diffusion-
controlled. Fig. 19 shows a proposed schematics to explain the ex-
istence of themost detrimental temperature tominimise the time of
the RC damage onset. At temperature Ti (for i ¼ 1,2 or 3), the RC
damage is assumed to start at time, ti,when the residual stress curve,
s(t,Ti), intersects the GB strength one, SGB(t,Ti). The temperature-
dependant kinetics of those phenomea can lead to the formation
of the bell-shaped curve shown as a dashed line in Fig. 19. Here, the
intermediate testing temperature T2 would enable an earliest
development of RC damage than a higher temperature such as T1.
The existence of amost detrimental temperature could therefore be
explained and should changewith chemical composition (especially
C and N) of the 316L-type austenitic stainless steels.
5.3. Susceptibility to RC of the five steel grades

The microstructural observations presented previously enable
the five tested 316L-type grades to be ranked in terms of the
increasing resistance to RC: IB, IA, HP and, indistinctly, LP and IC.
Table 3 shows this grade ranking associated with their C, N and P
contents. IC grade is the most resistant to RC in the tested condi-
tions while IB grade been the least resistant. Those results are not
surprising since the IC gradewas also found to be highly resistant to
creep-fatigue at 873 Kwhile the IB grade did not [58]. In accordance
with the previous discussions, Table 3 shows that high P content



Fig. 20. Comparison between the predicted initial principal residual stress and triax-
iality distributions (upon unloading at RT) and the tomography-measured damage
along the X-direction from the notch root of the tested IB steel CT specimens at 823,
848 and 873 K.
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has little effect on RC. The major chemical composition effects on
RC susceptibility were found to be due to the C and N contents: high
C content (about > 0.025%) is detrimental to GB resistance and high
N content (about > 0.06%) should be added only if the C content is
low (about < 0.015%).
5.4. Effect of stress state

Many authors have found that stress triaxiality decreases the
material ductility in 316, 316H, 316L and 316L(N) steels under creep
conditions [10,14e16]. In creep damage models, extended visco-
plastic cavity growth is generally associated with high triaxiality
levels (e.g. Ref. [59]). In contrast, in this work it was found that the
maximum principal residual stress component is probably the
main driving force for the development of intergranular damage
under stress relaxation conditions. This can be seen from the in-
formation presented in Fig. 20, which shows a comparison between
the damage measured by tomography in the IB steel specimens
with a notch root of 1 mm at 823, 848 and 873 K, and the predicted
distributions of the initial maximum principal residual stress, sI,
and the stress triaxiality. Here, the latter was defined as the ratio
between the mean hydrostatic stress and the equivalent Mises
stress, sH=es. The damage definition was that used in Fig. 15. It can
be seen that the loci of maximum measured damage for the three
tested temperatures are in better accordance with the location of
the peak maximum principal residual stress than that of the stress
triaxiality. The effect of stress state on the damage development in
the tested CT specimens are studied and discussed in more detail in
a separate publication [41].
6. Conclusions

The study of reheat cracking in five chemically different AISI
316L-type austenitic stainless steels was successfully performed
using a compressed CT specimen technique. A comparison of the
grade susceptibilities to intergranular damage development in the
823e873 K temperature range in the presence of high tensile re-
sidual stresses enabled an identification of the reheat cracking
damage mechanisms to be made. They are: (i) the development of
nanocavities on intergranular M23C6 carbides which precipitate
preferentially on 25 to 55+ misoriented GBs, (ii) the low stress
relaxation rate which enables high residual normal stresses on GB
to be maintained, and to a lesser extent, (iii) the P segregation at
GBs which increases intergranular microcavity nucleation.

The use of cold rolled 316L-type steels made it possible to attain
the level of residual stresses needed to develop RC in these mate-
rials without altering the above mentioned RC damage mecha-
nisms. Furthermore, in situ synchrotron X-ray tomography was
successfully relied upon to identify and quantify the level of
intergranular damage in the specimens but only after the speci-
mens were plastically deformed uniaxially in tension at room
temperature to open up and thus render visible the intergranular
microcracks.

Themost detrimental operating temperature for reheat cracking
damage development was found to depend on the stress relaxation
behaviour and GB degradation which are directly linked to the
chemical composition of the austenitic stainless steel. In particular,
the intermediate testing temperature of 848 K for the AISI 316L-
type IB steel was identified as the most damaging amongst the
three tested temperatures under reheat cracking conditions.
Furthermore, in this steel grade, a principal residual stress
threshold of 740 ± 30 MPa (at RT) was identified below which no
intergranular damage was found after ~ 3600 hrs in the 823e873 K
temperature range. Furthermore, the effect of high P content was
not found to be as detrimental as expected and could be explained
by the site-competing segregation mechanisms between P, N, C
and/or B. In the presence of high principal residual stresses
(>740 ± 30 MPa), high C content (about > 0.025%) was found to be
detrimental to GB resistance, thus high N content (about > 0.06%)
should be added only if the C content of the steel is low (about <
0.015%). This work has provided information about the level of
residual stresses that can lead to the development of RC in AISI
316L-type steels, and of the C, N and P contents that can be relied
upon as qualitative measures for future RC models/criteria to
optimise welding process models and their predictions.
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Appendix A. Langmuir-McLean model

The GB equilibriummonolayer coverage of the solute of interest,
CGB
∞ is a function of its bulk concentration, CB, the temperature, T,

and its Gibbs energy of segregation, DG0 [60]. When assuming that
CB is small, then

CGB
eq ¼ CBexp

	
DG0
RT�

1þ CBexp
	
DG0



RT
� : (A.1)

The GB monolayer coverage of the solute of interest at time t,
CGB(t), is expressed as [60]:



Table A.4Langmuir-McLean model parameters for P segregation in g-iron.

Parameter Value Reference

DG0¼DH�TDS DH ¼ �32 KJ mol-1

DS ¼ 17 kJ K�1 mol�1
[62]

D ¼ Aexp
�
�Q

RT


A ¼ 0.51 cm2 s�1

Q ¼ 230.2 kJ K�1 mol�1
[61]

d 0.8 nm [60]

H. Pommier et al. / Acta Materialia 103 (2016) 893e908 907
CGBðtÞ ¼ CGB
eq1 � CBða1 � a0Þexp
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with, CGB
eqi, the GB equilibrium concentration at temperature Ti, D,

the solute diffusion coefficient in the bulk material at temperature
T1, d, the GB thickness, a1 ¼ CGB

eq1=C
B and a0 ¼ CGB

eq0=C
B.

The parameters used to predicted GB monolayer coverage of P
were taken from the literature (see Table A.4). The diffusion coef-
ficient, D, was identified by Heyward and Goldstein [61] in a
FeeNieP grade in the 1173e1473 K temperature range (austenitic
phase). The Gibbs energy for the P segregation was taken from the
work of Erhart and Paju [62] in FeePþ(C,Cr, Ni,Mn,V) grades
(austenitic phase).
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